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Localized Electrons Enhanced Ion Transport for Ultrafast
Electrochemical Energy Storage
Jiewei Chen, Bi Luo, Qiushui Chen, Fei Li, Yanjiao Guo, Tom Wu, Peng Peng,
Xian Qin, Gaoxiang Wu, Mengqi Cui, Lehao Liu, Lihua Chu, Bing Jiang, Yingfeng Li,
Xueqing Gong, Yang Chai, Yongping Yang, Yonghua Chen, Wei Huang, Xiaogang Liu,*
and Meicheng Li*

Electrochemical energy storage devices such as Li-ion batteries (LIBs), Na-ion batteries (NIBs), supercapacitors, and fuel
cells, have been widely investigated because of their practical
utility for applications in mobile electronics, electric vehicles,
and renewable energy industry.[1–6] The performance of these
energy storage devices largely relies on the rate of charge
(electrons and ions) transport, especially within electrode

materials.[7,8] To achieve high-rate energy
storage at practical levels of mass loading
(≈10 mg cm−2), it is particularly important
to promote the mass transport of ions to
an optimized high rate because insufficient ion transport could seriously reduce
the capacity and rate of the energy storage
devices.[2–4,9,10]
Recently, tremendous progress has
been made in improving the ion transport through the size and morphological
control to shorten the ion transport distance in the electrode materials. A general
strategy is to synthesize nanocrystals and
use them as the electrode materials.[10]
Alternatively, the construction of hierarchical structures with contact surfaces
easily accessible between electrode materials and electrolyte is
another feasible approach.[11,12] For example, ions can easily
diffuse into 3D holey-graphene architectures to render highrate energy storage.[13] Notably, controlling ionic mobility in
the electrode material, particularly for electrodes of high mass
loading, is another important factor for enhanced energy
storage.[2,12] Despite enormous efforts, there are relatively few
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The rate-determining process for electrochemical energy storage is largely
determined by ion transport occurring in the electrode materials. Apart from
decreasing the distance of ion diffusion, the enhancement of ionic mobility
is crucial for ion transport. Here, a localized electron enhanced ion transport
mechanism to promote ion mobility for ultrafast energy storage is proposed.
Theoretical calculations and analysis reveal that highly localized electrons can
be induced by intrinsic defects, and the migration barrier of ions can be obviously reduced. Consistently, experiment results reveal that this mechanism
leads to an enhancement of Li/Na ion diffusivity by two orders of magnitude.
At high mass loading of 10 mg cm−2 and high rate of 10C, a reversible energy
storage capacity up to 190 mAh g−1 is achieved, which is ten times greater
than achievable by commercial crystals with comparable dimensions.
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Figure 1. Mechanistic illustration of localized electrons enhanced ion transport for high-rate electrochemical energy storage. a) Schematic concept
of localized electrons enhanced ion transport for efficient performance. The rate for charging and discharging process can be improved by speeding
up ion diffusion in electrode materials of energy storage electrochemical devices. b,c) Calculated spin-polarized charge densities (isosurface level =
4 × 10−3 e− Å−3) of oxygen-deficient TiO2 (101) upon Li+ migration to different locations. The yellow and blue colors mark the position of excess electrons,
which are mainly located at specific Ti atoms. As the location of Li+ changes, the localized electrons moves to the location near the Li+, correspondingly.
d–f) The energy profile of Li+ migration along the diffusion pathway for perfect TiO2 (0.63 eV), TiO2–x with one vacancy (0.53 eV), and TiO2–x with two
neighboring oxygen vacancies (1.17 eV), respectively.

reports concerning the improvement of ion mobility of electrode materials for enhanced energy storage.
The nature of ion diffusion is dependent upon the atomic
arrangement in electrode materials. The ion transport in a
material is generally governed by two basic mechanisms: interstitial diffusion and vacancy diffusion, both of which have
been widely used to interpret the phenomena of random ion
transport in electrode materials.[7,8] Different from the conventional mechanism, it was reported that during the charging or
discharging step, the ion transport can be strongly affected by
the coupled interaction between the ions and movable electrons
from exteriorly injecting.[14,15] Nowadays, however, there is still
little study on how highly localized electrons inside the materials affect the ion transport. Such electrons can be introduced
in defective materials instead of exteriorly injecting,[16–19] such
as the localized excess electrons at Ti atoms near the oxygen
vacancy in TiO2.[16,20,21] We expect that the interaction between
the ions and localized electrons can be harnessed to significantly improve the ion transport in electrode materials for
enhanced energy storage.
To probe the intrinsic effect of highly localized electrons on
ion transport, it is imperative to eliminate some other factors,
such as volume expansion and solid electrolyte interphase
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reaction during charging and discharging. Semiconductor
TiO2 is an ideal model material for such a study because the
TiO2 electrode materials, commonly used as a stable protective
layer, only exhibit a volume expansion of less than 4% during
charging/ discharging[22–25] and the localized electron formation
due to unpaired electrons in defective TiO2 has been extensively
investigated.[26] We assume that the localized electrons are
formed at the oxygen vacancy (Vo), where excess electrons are
localized near Ti atoms.[21] Figure 1a shows the schematic concept of localized electrons enhanced ion transport through the
use of TiO2 with localized electrons as the anode. The rate for
charging and discharging process can be improved by speeding
up ion diffusion in electrode materials of energy storage electrochemical devices. As shown in Figure 1b,c, density functional
theory (DFT) calculations were conducted to determine the spinpolarized charge densities (isosurface level = 4 × 10−3 e− Å−3)
of oxygen-deficient TiO2 (101) upon Li+ insertion. The yellow
and blue colors denote the position of excess electrons, which
are mainly located at specific Ti atoms. Such excess electrons
can be treated as centers of negative charge for facile trapping of positive ions, especially alkaline ions, because there is
only one valence electron in the alkaline atom.[27] Comparing
Figure 1b,c, it visually shows that there exists the electrostatic
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interaction between Li+ and localized electrons because as the
location of Li+ changes, the localized electrons move to the location near the Li+, correspondingly.
We took a further step and systematically investigated the
distribution of excess electrons under different situations
through calculations. At the surface of the anatase TiO2 (101),
the excess electrons are localized either at: i) nonequivalent
Ti5c/Ti6c sites, or ii) two neighboring Ti5c sites (Figure S1, Supporting Information). The corresponding oxygen vacancy formation energies (Evf) were 3.53 eV for case (i) and 3.06 eV for
case (ii), indicating that the latter is more stable. In addition,
we investigated the effects of Li+/ Na+ insertion on the distributions of excess electrons around Ti atoms (Figure S2, Supporting Information). We found that the excess electrons tend
to localize at nonequivalent Ti5c and Ti6c sites when the Li+/Na+
ions are slightly distant from the oxygen vacancy (Figure S2a,b,
Supporting Information), while the excess electrons tend to
localize at two neighboring Ti5c sites when the Li+/Na+ ions are
close to the oxygen vacancy (Figure S2c,d, Supporting Information). Different localization patterns of the excess electrons can
be attributed to the attraction of Li+/Na+ ions.
We further investigated the distribution of the excess electrons in the bulk TiO2 in the case of Li+/ Na+ insertion. We
did not observe any notable change in the crystal structures
of oxygen-deficient TiO2 before and after Li+/Na+ insertion
(Figure S3, Supporting Information). These results suggest that
the excess electrons are likely localized at the neighboring three
5-fold coordinated Ti sites, denoted as Ti5c (Ti1, Ti2, and Ti3) in
the bulk TiO2. Moreover, density of states (DOS) and partial
density of states (PDOS) of oxygen-deficient bulk TiO2 without
and with the Li+/Na+ insertion revealed a gap state of about
1 eV below the bottom of the conduction band of oxygen-deficient TiO2 (Figure S4, Supporting Information), which can be
attributed to Ti3+.[28–31] Overall, our DFT calculations supported
the localized excess electrons associated with O vacancies.
Some works reported that the movable electrons injected from
the external circuit can strongly affect the transport of ions.[14,15]
Referring to these works, the localized electrons near the oxygen
vacancy should also affect the ion transport. Here, the migration barriers of Li+ in different configurations are investigated
to reveal the effects of how localized electrons affect the transport of Li+. The diffusion of Li+ from one stable site to another
one within the anatase TiO2 slab is depicted in Figure S5a,
Supporting Information, and the energy profile along the diffusion pathway is shown in Figure 1d. The active energy barrier on
the pathway is calculated to be 0.63 eV, and the structure of Li+
locating at the center of the smaller O6 octahedral was identified
as the transition state. Sequentially, we investigated the diffusion
of Li+ in the defective anatase TiO2−x with one oxygen vacancy
(Figure S5b, Supporting Information). The diffusion capability
of Li+ is improved in the defective anatase TiO2−x, as suggested by
the energy profile (Figure 1e) with the energy barrier of 0.53 eV.
Different configuration strongly affects the migration barrier. For bulk oxygen vacancies, generally, there are two kinds
of situations: 1) away from each other or 2) near each other.
For situation (1), the interaction between different vacancies is
relatively weak, and such situation can be taken as one oxygen
in the configuration when Li+ migrates. As for situation (2), Li+
diffusion in the defective anatase TiO2−x with two neighboring
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oxygen vacancies, the energy profile (Figure 1f) along the
pathway (Figure S5c, Supporting Information) indicates that
Li+ migrates in the defective anatase TiO2−x with two oxygen
vacancies might be quite difficult because of the high energy
barrier of 1.17 eV. The possibility of oxygen vacancies near each
other can increase if there are too many bulk oxygen vacancies,
which can obviously inhibit the Li+ transport. Hence, there is
optimized Ti3+ concentration for the Li+ transport in order to
achieve the best energy storage performance.
To reveal whether the electrostatic interaction between Li+
and localized electrons play an important role in reducing the
migration barrier under the extrinsic electrical field during
charging/discharging, the electrical field is applied in the
migration path. The result shows that Li+ migration barrier
decreases by about 0.16 eV in TiO2−x compared with the no
electrical field situation. Thus, the extrinsic electrical field can
strongly enhance the Li+ migration when there are localized
electrons near the migration path. Positive ions and localized
negative electrons interaction model is used to help explain this
phenomenon (Figure S6, Supporting Information).
Based on the localized electrons enhanced ion transport (LIT)
mechanism revealed by our DFT calculations, we proposed a
general approach to introducing localized electrons into electrode materials. In our work, oxygen-deficient TiO2 materials
were synthesized by the fluorine-assisted dynamic solvothermal
method. X-ray diffraction studies indicate the anatase phase
of the as-prepared TiO2 (JCPDS No.21-1272) (Figure S7, Supporting Information). Electron microscopy imaging reveals
a typical sample size of about 25 nm (Figures S8 and S9, Supporting Information). High-resolution transmission electron
microscopy (HRTEM) images were acquired to confirm the different crystal structure between the prepared TiO2 and the crystalline P25 TiO2 (Figure 2a,b). In addition, we used a spherical
aberration-corrected HRTEM to obtain high-angle annular
dark-field (HAADF) image and light-element-sensitive annular
bright-field scanning transmission electron microcopy (ABFSTEM) image of the prepared TiO2 (Figure S10a,b, Supporting
Information). The structure distortion can be clearly identified in
the atomic-resolution image, thereby providing direct evidence
of oxygen vacancies in the oxygen-deficient TiO2 (Figure S10c,
Supporting Information).[32] Furthermore, X-ray photoelectron
spectroscopy (XPS) analysis was performed to measure the electronic states of Ti atoms within the prepared TiO2 (Figures S11
and S12, Supporting Information).[33,34] The spectrum of Ti 2p
in prepared TiO2 indicated that the peaks at 458.4 (2p3/2) and
464.3 eV (2p1/2) come from Ti4+, while the peaks at 457.6 (2p3/2)
and 463.4 eV (2p1/2) arise from Ti3+.[35,36]
The existence of Ti3+ was further confirmed by electron
energy loss spectroscopy (EELS) and electron paramagnetic
resonance (EPR) characterization. EELS test is considered to be
powerful to detect the Ti3+ in TiO2.[37,38] As shown in Figure 2c,
the t2g–eg splitting in L3 is 1.60 eV for the as-synthesized TiO2,
which is about 12% narrower than that of P25 (1.81 eV). Meanwhile, the t2g–eg splitting in L2 is 1.21 eV for the as-synthesized
TiO2, which is almost 39% narrower than that of P25 (1.99 eV).
These results support the presence of Ti3+ in the as-formed
TiO2. Furthermore, from EPR characterization, as shown in
Figure 2d, the strong signal g-values of gx = gy = 1.98 and gz = 1.95
can be attributed to bulk form Ti3+ (Ti 3+
bulk ), while the weaker
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Figure 2. Characterization of the as-synthesized TiO2 anode materials. a) High-resolution transmission electron microscopy (HRTEM) imaging of
crystalline P25 TiO2. b) HRTEM image of as-synthesized defect-rich TiO2 material with a 2-nm thickness of disordered surface. c,d) Corresponding
electron energy loss spectra and electron paramagnetic resonance spectra of the as-prepared defect-rich TiO2 sample and crystalline TiO2 materials.
[39,40]
signal with g = 2.002 can be ascribed to surface Ti3+ (Ti 3+
surf ).
3+
By comparison, no marked Ti signal was detectable in the
crystalline Degussa P25 TiO2. The concentration of Ti 3+
surf and
Ti 3+
bulk can be acquired by double integration of the signal area
in the EPR spectrum, respectively, and it is worth mentioning
that the ratios of bulk-to-surface Ti3+ could be readily tuned
from 1.0, 1.25, 1.5, 1.75 to 2.0 by controlling the reaction time
and the amount of HF during the reaction (Figures S13–S15,
Supporting Information). To identify different samples, we
labeled the sample with “RX” where X refers to the ratio of
bulk-to-surface Ti3+. For example, R1.75 and R2 indicate that
the ratio of bulk-to-surface Ti3+ is 1.75 and 2, respectively.
To verify the effects of localized electrons on energy storage,
we prepared LIBs and NIBs using the as-synthesized TiO2 materials as anode electrodes and the crystalline P25 TiO2 as the reference sample.[41,42 Note that large-sized TiO2 materials, prepared
in the absence of HF, are not suitable for control experiments
because of their much different ion diffusion length (Figure S16,
Supporting Information). Their electrochemical properties
were investigated by electrochemical impendence spectroscopy
(EIS). Figure 3a shows the Nyquist plots of the designed TiO2
as the anode for LIBs after 15 cycles at 0.5C (1C = 170 mA g−1).
The EIS plots of the samples comprise a single semicircle in the
high frequency region and a nearly straight line in the low-frequency range, corresponding to the charge transfer resistance
(Rct) and solid-state diffusion of lithium (Zw), respectively.[31]
For samples with increasing bulk-to-surface ratios of Ti3+ (R1,
R1.25, R1.5, R1.75, R2), the Rct value notably decreases from
79.2, 62.3, 59.1, 49.2 to 33.5 Ω, indicating a gradual increase in
charge-transfer conductivity. In addition, as the bulk-to-surface
ratio of Ti3+ increases from 1 to 2, the initial coulomb efficiency
increases progressively from 94.7, 96.4, 97.5, 99.5 to 99.7%
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(Figure S17, Supporting Information), which matches well with
the EIS data. Taken together, the ultrahigh initial columbic efficiency can be attributed to greatly improved charge mobility
enabled by Ti3+ formation in the anode electrode.
In a further set of experiments, we evaluated the optimal
ratio of bulk-to-surface Ti3+ for achieving fast energy storage.
As shown in Figure 3b, samples were tested from 0.5C,
1C, 2C, 5C, 10C, 20C to 30C and back to 0.5C, with 10 discharge/charge cycles conducted at each current density. It was
observed that the samples with localized electrons exhibited
significantly improved cycling performance than the commercial P25 control without Ti3+. This clearly suggests that a
higher ratio of bulk-to-surface Ti3+ can lead to better rate performance. The optimal ratio was determined to be 1.75, for
which the highest specific capacity of about 290 mAh g−1 was
obtained at 0.5C. The specific capacity for P25 was only estimated to be 136 mAh g−1. Although sample R2 shows the best
initial performance of EIS and the initial coulombic efficiency,
it is inferior than R1.75 in rate performance with only
164 mAh g−1 at 0.5C. This should be attributed to the inhibition of ion transport in the presence of two neighboring oxygen
vacancies (Figure 1f), which can be validated by measuring the
value of ion mobility inside the electrode materials. As expected,
the diffusion coefficient of R2 sample is 1.96 × 10−10 cm2 s−1,
much lower than 2.99 × 10−9 cm2 s−1 of R1.75 sample
(Figure S18, Supporting Information). In contrast to crystalline TiO2, the reversible cycling performance of R1.75 can
reach a level of 290 mAh g−1 at 0.5C and the coulombic efficiency is nearly 100% after 400 cycles (Figure S19, Supporting
Information), which shows the state-of-the-art reversible capability among anatase TiO2-based materials for LIBs (Table S1,
Supporting Information).
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Figure 3. Effects of TiO2 anode with different localized electrons distribution on electrochemical properties and device performance. a) Electrochemical
impendence spectra of the Li-ion battery using localized electrons-containing TiO2 anode materials and crystalline P25 TiO2. TiO2 materials with different amounts of localized electrons (R1.25, R1.5, R1.75, and R2) were investigated by measuring electrochemical impendence spectra. The open
symbols and solid lines represent the experimental and simulation results, respectively (inset: equivalent circuit). b) Measurements of specific capacities at various rates (0.5 to 30C) for TiO2 electrodes with tunable localized electrons distributions. Crystalline TiO2 electrode was used as a control.
c) Galvanostatic discharge–charge curves of the localized electrons-rich TiO2 electrodes (R1.75) and crystalline TiO2 electrodes (P25) at a rate of 0.5C
in the voltage window of 1.1 to 3.0 V (versus Li/Li+). The data were recorded at the 400th cycle. Thin and thick electrodes were tested for the localized
electron-rich and crystalline TiO2 materials, respectively. d) Time-of-flight ion mass spectrometry data recorded for sample R1.75 and crystalline TiO2
after 400 cycles.

We have also compared the performance of sample R1.75
made in form of a thin (1 mg cm−2) or thick (10 mg cm−2)
electrode layer. The galvanostatic discharge–charge curves
(Figure 3c) indicate that the Ti3+ rich samples show little difference in terms of performance (290 mAh g−1 vs 279 mAh g−1),
while the crystalline P25 samples show a large difference
(122 mAh g−1 vs 50 mAh g−1). Moreover, the time-of-flight ion
mass spectrometry (ToF-SIMS) measurement in Figure 3d
shows that the ion distribution along the in-depth direction
in the prepared sample exhibits nearly no degradation in both
thick and thin electrodes, while the crystalline TiO2 target
shows considerable degradation. The likely reason is that for
thick electrodes, our prepared sample is expected to display
much better performance because of the efficiency in ion transport along the depth of the thick electrode. The stability of the
oxygen-deficient TiO2 during electrochemical energy storage
was examined by measuring the EPR spectra of R1.75 sample.
As shown in Figure S20, Supporting Information, the structure of the prepared samples remained essentially intact after
400 cycles of charging/ discharging operation at 10C.
High-rate energy storage at practical mass loading is critical
to the industrial-scale application of electrochemical energy
storage. Here, we investigated the high-rate (10C) performance of the designed TiO2 when used as the electrodes of
LIBs and NIBs at practical mass loading (10 mg cm−2). As seen
in Figure 4a,b, for LIBs, our sample R1.75 exhibits a stable
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specific capacity of 190 mAh g−1 and retains almost 100% after
400 cycles, which is one order of magnitude higher than the
specific capacity of the crystalline P25 (17.3 mAh g−1). Meanwhile, for NIBs, sample R1.75 shows a stable specific capacity
142.6 mAh g−1 and nearly no loss after 400 cycles, which is
11 times higher than the specific capacity of the crystalline P25
(11.9 mAh g−1). Cyclic voltammetry results performed on our
samples at different scan rates in comparison with the crystalline P25 are shown in Figure 4c–f, and it is obvious that
our designed sample shows much enhanced peak current for
both LIBs and NIBs. Based on these data, we further carried
out ion diffusion calculation. When R1.75 is used for LIBs at a
loading of 10 mg, the ion diffusion reaches 2.99 × 10−9 cm2 s−1,
which is two orders of magnitude larger than that of crystalline P25 (1.45 × 10−11 cm2 s−1). Meanwhile, when R1.75 is used
for NIBs, the ion diffusion reaches 1.72 × 10−9 cm2 s−1, which
is also increased by a factor of 100 than that of crystalline P25
(1.05 × 10−11 cm2 s−1). Importantly, by virtue of the greatly
enhanced ion mobility, the R1.75 shows a reversible highrate (10C) energy storage of 190 mAh g−1 at a practical mass
loading (10 mg cm−2), a remarkable performance comparable to
a recent work (specific capacity: 152 mAh g−1 at a mass loading
of 11 mg cm−2 at 10C).[4]
Next, we calculated the individual contribution of battery
and capacitance capacities based on cyclic voltammetry (CV)
measurements using Na-ion battery as an example (Figure S21,
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Figure 4. Performance metrics of localized electron-rich TiO2 electrodes with high-rate ion mobility and energy storage. a) High cycling performance of
the localized electrons-rich R1.75 TiO2 materials for Li-ion batteries (LIBs) and Na-ion batteries (NIBs) as compared to crystalline P25 TiO2 as the
anode material. The data were recorded at 10C and a mass loading of 10 mg cm−2. b) 400th cycle of galvanostatic discharge–charge curves of the
LIBs and NIBs recorded for localized electrons-rich R1.75 and crystalline P25 TiO2 as anode materials. c–f) Cyclic voltammograms of electrochemical
energy storage from 0.2 to 0.8 mV s−1. The rate capability was measured through the use of localized electrons-rich R1.75 TiO2 for LIBs (c), crystalline
P25 TiO2 for LIBs (d), localized electrons-rich R1.75 TiO2 for NIBs (e), and crystalline P25 TiO2 for NIBs (f), respectively. The data were recorded at a
scan rate range of 0.2–3 V voltage with a mass loading of 10 mg. Each value of ion diffusion was calculated according to its respective current peak.

Supporting Information). At a scanning rate of 0.2 mV s−1, the
capacitance capacity occupies 38.11% for P25 TiO2 and 44.63%
ratio for R1.75 TiO2, respectively (Figure S21a,c, Supporting
Information). At a high scanning rate of 0.8 mV s−1, the capacitance capacity occupies 55.66% for P25 TiO2 and 61.20% for
R1.75 TiO2, respectively (Figure S21b,d, Supporting Information). We found that, in both cases, the capacitance capacity for
R1.75 TiO2 accounts for only about 6% increase of their capacitance rate as compared with that for P25 TiO2. A summary of
the capacitance rate for P25- and R1.75-based NIBs and LIBs
is provided in Figure S21e,f, Supporting Information. With
increases in scanning rate from 0.2 to 0.8 mV s−1, the capacitance rate exhibited a small increase of about 7% for these two
LIB and NIB samples. Thus, the improvement of rate performance should be enabled by the increased battery capacity
through the use of Ti3+ enhanced ion transport rather than the
capacitance capacity.
Although our prepared defective samples and the widely
used P25 TiO2 have the same dimension, the possible affective factors on ion mobility cannot be undoubtedly ruled out.
Hence, preparing and comparing two model materials with
nearly the same properties except the defect induced Ti3+ have
been considered. Here, we post-treated the defective TiO2 R1.75
under 450 °C for 8 h in the air and such sample is marked as
AR1.75. It is well known that heating the metal oxides under
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specific temperature can eliminate the oxygen vacancies, and
does not damage their crystal structure and morphology in the
meantime. The BET test shows that R1.75 and AR1.75 have
similar specific surface areas (33.2 m2 g−1 vs 31.5 m2 g−1). In
addition, they have nearly the same N2 adsorption-desorption
curve (Figure S22a, Supporting Information) and the pore
size distribution (Figure S22b, Supporting Information). The
XRD (Figure S22c, Supporting Information) shows that it is
still the anatase phase after treatment. The EPR (Figure S22d,
Supporting Information) shows that there is nearly no oxygenvacancy-related Ti3+ signals for AR1.75. Therefore, these two
samples R1.75 and AR1.75 can be considered as the nearly perfect models to reveal the influence of oxygen-vacancy-related
localized electrons clearly.
Furthermore, the ion mobility test and the Li-ion batteries
performances of AR1.75 have been investigated. Based on the
CV results (Figure S23a, Supporting Information), the calculated diffusion coefficient of AR1.75 is 1.23 × 10−11 cm2 s−1,
which is similar to that of P25 (1.45 × 10−11 cm2 s−1), and is
much lower than that of R1.75 (2.99 × 10−9 cm2 s−1). In addition, the Li-ion batteries test (Figure S23b, Supporting Information) shows that the long-term stability performance of AR1.75
at 10C is about 16.9 mAh g−1. This specific capacity is also similar to P25 (17.3 mAh g−1), and is much lower than that of R1.75
(190 mAh g−1). Besides, we have acquired the TEM images of
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the R1.75 (Figure S24a, Supporting Information) and AR1.75
(Figure S24b, Supporting Information) under three different
states: before, fully charged and after charging/discharging
cycles, and it is shown that there is obvious size change for
both R1.75 and AR1.75. Hence, after eliminating the possible
affecting factors such as crystal sizes and pore distributions, it
can be concluded that the superior capacity and ionic mobility
can be attributed to the existence of oxygen-vacancy-related Ti3+.
To reveal the fine structural information, the synchrotron
radiation X-ray absorption near-edge structure (XANES) and
extended X-Ray absorption fine structure (EXAFS) of R1.75 and
AR1.75 are acquired. For Ti K-edge XANES (Figure S25, Supporting Information), the spectral profiles of R1.75 and AR1.75
are similar but the former exhibits less intense oscillation,
which results from the increased disorder. The main peak locations are nearly the same at about 4987 eV, consistent with the
reported anatase works.[43,44] For R1.75, there is obviously lower
main peak intensity, which indicates the less unoccupied states
because of the rich oxygen vacancies. The absorption edge is
shifted to the lower energy, so there should exist lower valence
states than Ti4+ state,[45] consistent with our EELS and XPS
Ti 2p results.
For Ti K-edge EXAFS spectra (Figure S26, Supporting Information), the spectral profiles of R1.75 and AR1.75 are also similar while the intensity of R1.75 is lower. To look into bonding
situation, the TiO bond and TiTi bond lengths and coordination numbers are extracted and from EXAFS curve fitting
(Table S2, Supporting Information). Compared with AR1.75,
the R-1.75 with abundant oxygen vacancies possesses a smaller
coordination numbers of TiO bond (5.9 versus 4.9). The coordination numbers of TiTi bonds are also smaller because
the absence of oxygen atoms at specific locations can induce
increased disorder. There is no big difference for the bond
lengths between R1.75 and AR1.75, which is consistent with the
DFT calculated results (Figure S27, Supporting Information).
To investigate whether our prepared material can be well
applied for the full-cell batteries, we prepared and tested the
tested Na-ion full batteries based on the R1.75 electrode.
The retention result (Figure S28, Supporting Information)
shows that there is still good performance about 165 mAh g−1
after 50 cycles at 5C and a mass loading of 5 mg cm−2. For
comparison, sample R1.75 shows a stable specific capacity
142.6 mAh g−1 at 10C and a mass loading of 10 mg cm−2 in
half-cell NIBs (Figure 4a). Thus, the prepared sample R1.75 can
show good capacity performance in both half and full batteries.
The schematic in Figure S29, Supporting Information, shows
how enhanced ion transport results in the high mass loading
electrode obtained by comparing the Ti3+-rich TiO2 sample with
its crystalline counterpart. In stacked crystalline TiO2 sample,
the ions always react with electrons at the sub-surface under a
high rate on account of limited ion transport, thus inhibiting
ion intercalation at a deeper level. By comparison, the LIT effect
enables ion transport in TiO2 sample with localized electrons to
be carried through two pathways: direct intercalation and interfacial diffusion. The ions can be easily transported deeply into
stacked TiO2 sample because of high ion conduction and facile
interfacial ion diffusion. Taken together, these results unambiguously suggest that an optimal distribution of Ti3+ within
TiO2 materials can greatly enhance the process of ion transport
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through electrodes with high mass loading, which is critical for
high-rate energy storage.
The localized electron-assisted LIT mechanism in this experiment allows significant promotion of ion mobility inside the
electrode materials for ultrafast electrochemical energy storage.
First-principle calculations reveal that localized electrons can be
introduced by defect engineering, and the migration barrier of
Li+ is only 0.53 eV, about 0.1 eV lower than the perfect structure. After considering the external electric field, the migration
barrier in samples with localized electrons can further decrease
by 0.16 eV. Consistent with the theory calculation results, the
LIT mechanism leads to the enhanced Li+ and Na+ diffusivity by
two orders of magnitude. At high mass loading of 10 mg cm−2
and high rate of 10C, a reversible energy storage capacity up
to 190 mAh g−1 is achieved, which is ten times greater than
achievable by commercial crystals with comparable dimensions. The observation of the LIT effect opens a new route to
implementing high-rate electrochemical energy storage at practical mass loading.

Experimental Section
Materials Synthesis: All of the chemical reagents of analytical grade
were purchased from Shanghai Aladdin Bio-Chem Technology Co.
and used as received without further purification. The P25 TiO2 was
purchased from Degussa (the size: 25 nm, 80% anatase/20% rutile
phase). In a typical experiment, 1 mL of aqueous TBOT precursor was
dissolved in 25 mL of n-propanol and then 0.8 mL of HF were added
to the mixed solution. The resulting suspension was subsequently
transferred to a Telfon-lined stainless steel autoclave and then heated
at 160 °C for 24 h. After the reaction, the reaction product was
washed with deionized water, and then was washed with ethanol and
deionized water. The reaction of synthesizing TiO2 with different defect
concentration and distribution mainly consists of three processes,
including decomposition, nucleation, and growth (Figure S8, Supporting
Information). Note that a high amount of F− will promote the formation
of bulk Ti3+, while a long reaction time favors the formation of surface
Ti3+. To identify different samples, we labeled the sample with “RX”
where X refers to the ratio of bulk-to-surface Ti3+. This ratio was
calculated based on the EPR data. The specific post-treated TiO2 under
450 °C for 8 h in the air is marked as ARX, such as AR1.75. Details for
material characterization, electrochemical measurements, theoretical
calculation, and calculation of the diffusion coefficients of positive ions
are given in Supporting Information

Supporting Information
Supporting Information is available from the Wiley Online Library or
from the author.
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